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PERSPECTIVE

When ‘smaller is stronger’ no longer holds

Qing-Jie Li and Evan Ma

Department of Materials Science and Engineering, Johns Hopkins University, Baltimore, MD, USA

ABSTRACT
‘Smaller is stronger’ has been a well-established tenet for the mechanical strength of small-
volume single crystals. However, emerging evidence suggests that this trend does not always hold
in the deep sub-micrometre regime (<∼ 102 nm) when surface-mediated displacive and diffu-
sive processes dominate. Here we present a perspective to highlight typical scenarios in which
the single-crystal strength is influenced by surface stresses, diffusion-mediated surface creep, or
dislocation-starvation-engendered high-stresses in the crystal interior, leading to ‘smaller is weaker’
or ‘plateau limited by ideal strength’. Such an unusual size dependence/independence of strength
has implications for the reliability and stability of nano-structured devices.

IMPACT STATEMENT
Due to significant surface effects, single crystals in thedeep sub-micron regime (< ∼ 102 nm) canbe
‘smaller isweaker’ or reach a ‘saturated strengthplateau’, defying thewell-known ‘smaller is stronger’
trend.
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Introduction

In recent years, ‘smaller is stronger’ has been a popular
tenet when it comes to describing the sample size depen-
dence of the mechanical strength of micro- and nano-
sized metal crystals. This trend can be interpreted as
due to the interaction of dislocations with obstacles that
impede dislocation line length growth. The magnitude
of this Orowan-type strengthening depends on a charac-
teristic distance L between pinning points, which defines
a critical curvature through which the dislocations have
to squeeze by to propagate. For single-crystalline met-
als with very small volume, the moving dislocations
sense and interact with the sample surfaces. For example,
according to the dislocation source truncation hardening
[1] interpretation of ‘smaller is stronger’, the flow stress
scales inversely with the mobile free-arm length between
an internal pinning point and the sample surface. In other
words, now the limiting factor lies in overcoming the
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critical curvature for dislocation bow-out, increasing the
flow stress needed with decreasing sample size.

The purpose of this perspective is to draw the attention
of the community to a broader perspective of how crystal
dimensions influence mechanical strength. In particu-
lar, we focus on the observation that ‘smaller is stronger’
is not the whole story in the size regime where sam-
ple dimension matters. For metal samples having very
small sizes in the nanomaterials regime, scenarios arise
that defy the ‘smaller is stronger’ norm. Since there have
already been many papers and reviews about ‘smaller
is stronger’ [2,3], it is important to outline when this
tenet no longer holds, so as to paint a more complete
picture of the sample size dependence of mechanical
strength. Specifically, we will present three examples to
make the case that the strength is not necessarily an
increasing function of decreasing sample size, but can
reach a plateau akin to hitting a ceiling, or even enter a
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regime where ‘smaller is much weaker’. The latter sce-
nario is akin to inverseHall-Petch relationship postulated
for nanocrystalline metals (polycrystalline metals when
the size of the internal grains are on the nanoscale) [4],
which is yet another interesting topic that deserves a
separate discussion elsewhere.

Strength controlled by dislocation nucleation
on surfaces: a myriad of possibilities

First, in nano-sized crystals we enter the ‘dislocation
starvation’ regime [5–7] or the dislocation-free regime
[8–11], and the displacive plasticity of the pristine metal
would rely on surface dislocation sources [12–16]. Par-
ticularly, the yielding has to come from the thermally
activated nucleation of dislocations on surfaces. In this
case of dislocation-nucleation-controlled plasticity, it is
generally believed that dislocation nucleation from sur-
face sites would be onlyweakly size-dependent [12]. Here
we point out that this does not necessarily hold. For
metals with medium to high surface energy, when the
size is below ∼50 nm the surface stress induced internal

stress will significantly depress the dislocation nucle-
ation barrier upon external loading (with the same sign
as the pre-existing internal stress) [16]. In other words,
intrinsically there can be a ‘smaller is obviously weaker’
regime, for strength controlled by surface dislocation
nucleation. Other surface defects, such as surface steps
[17,18], can also facilitate dislocation nucleation and
reduce strength—those are additional extrinsic effects
that break the ‘smaller is stronger’ norm and they come
with large data scatter depending on sample preparation
and surface conditions.

Specifically, a ‘smaller is weaker’ trend in strength
controlled by surface dislocation nucleation has been
recently demonstrated by Li at al. using atomistic sim-
ulations [16]. By using a modified activation-relaxation
technique nouveau [19] to efficiently search the saddle
configurations, the authors calculated the zero-T activa-
tion enthalpy (�H0) of surface dislocation nucleation for
a series of [100] oriented square copper nanowires with
different sizes (from 2 to 50 nm in diameter). As shown
in Figure 1A, under uniaxial compressive loading, �H0
shows strong sample size effects, i.e. at a given applied

Figure 1. Sample size dependent surface dislocation nucleation in [100] oriented square copper nanowires under compressive loading
[16]. (A) Zero-T activation enthalpy vs. applied axial stress. (B) Activation volume vs. applied axial stress. (C) Zero-T activation enthalpy is
uniquely correlated with the local maximum resolved shear stress. (D) Local maximum resolved shear stress vs. applied axial stress.
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axial stress σapp, �H0 rapidly decreases with decreas-
ing sample size, leading to a ‘smaller is weaker’ trend.
The activation volume defined as � ≡ ∂�H0/∂σapp also
shows similar sample size dependence (Figure 1B). For
example, at a given σapp, the � of smaller samples could
be several times smaller than that of the larger samples.
Such strongly sample size dependent surface dislocation
nucleation originates from the intrinsic surface stress
effects. As can be seen in Figure 1C, irrespective of dif-
ferent sample sizes,�H0 is a unique function of the local
maximum resolved shear stress τlmrss (defined as τlmrss =
max{τi}, where τi is the resolved shear stress for atom i
within the saddle loop, excluding surface atoms). How-
ever, as shown in Figure 1D, the local maximum resolved
shear stress τlmrss is determined by both sample size D
and σapp in the following form

τlmrss ≈ sσapp + τ0 + τ1

D
(1)

where s is Schmid factor, and the contribution from
surface-stress-induced atomic stress tensor is approxi-
mated by the last two terms with constants τ0 and τ1
depending on the local geometry and surface stress.
Therefore, from the relations shown in Figure 1C and D,
we see that the zero-T activation enthalpy�H0 is a func-
tion of both sample size D and the applied axial stress
σapp, i.e. �H0(σapp,D). In other words, for a given σapp,
smaller D leads to a larger τlmrss and therefore a smaller
�H0, explaining the strong sample size effects on surface
dislocation nucleation demonstrated in Figure 1A and B.
In this example, the contribution from the externally
applied axial stress, τapp = sσapp, and the contribution
from surface stresses, τsurf = τ0 + τ1

D , have the same sign
such that the strength-size relation follows the trend of
‘smaller is weaker’. However, τapp and τsurf can also be
opposite in sign (e.g. tensile loading vs. pre-existing com-
pressive internal stress), leading to ‘smaller is stronger’
instead (see Figure 5 later for a brief summary).

Surface dislocation nucleation stresses at finite tem-
peratures and lab-experiment strain rates can then be
numerically obtained by transition state theory using
finite temperature activation Gibbs free energies which
can be approximated by the Meyer-Neldel compensation
rule with a characteristic temperature on the order of
900K [16]. The most probable surface dislocation nucle-
ation stresses for the above discussed copper nanowires
at T = 300K and ε̇ = 10−2s−1 are shown in Figure 2.
Interestingly, the nanowire strength obviously shows a
‘smaller is weaker’ trend in the sub-50 nm regime. The
above demonstrated ‘smaller is weaker’ trend could be
affected by many factors such as sample size, the magni-
tude of surface stress and the externally applied stress, as
indicated by Equation (1). For example, when the sample

Figure 2. ‘Smaller is weaker’ for surface dislocation nucleation
stress, predicted for [100] oriented square copper nanowire under
compressive loading [16]. T = 300 K and ε̇ = 10−2s−1. Data
points are calculated values and the solid curve is non-linear fit-
ting. The inset shows a typical saddle configuration of a dislo-
cation loop nucleating from the lower-left corner of the square
nanowire [16].

size is much larger, a strength plateau should be expected
if the sample is indeed pristine and the strength is sur-
face dislocation nucleation controlled. This is because
the contribution from surface stress to τlmrss is propor-
tional to 1/D which diminishes to zero at large sample
sizes. Similarly, large surface stresses may extend the
sample size range for the observable ‘smaller is weaker’
trend, as the sample size dependent contribution to τlmrss
also depends on τ1, the local constant directly propor-
tional to the magnitude of surface stress. Last but not
least, the applied axial stress σapp, which could be effec-
tively affected by strain rates, crystallography and bond-
ing nature etc., may become sufficiently large such that its
contribution to τlmrss (i.e. the term sσapp in Equation 1)
would entirely overwhelm the contributions due to sam-
ple size and surface stress (i.e. the terms τ0 + τ1

D in
Equation 1). In this case, we expect that the strength is
almost sample size independent. Nevertheless, surface
stress induced weakening in material strength is quite
common and has been widely observed in many other
scenarios [20–23].

Strength controlled by diffusional plasticity:
smaller can bemuch weaker

At very small sizes in the range of a few nanometers
to tens of nanometers, especially for some metals that
have a relatively low melting temperature, diffusional
transport on surfaces can replace displacive plasticity as
the dominant deformation mechanism at room temper-
ature (RT). The strength-size relationship then switches
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from ‘smaller is stronger’ to ‘smaller is much weaker’.
In essence, when the surface to volume ratio is very
high, Coble-like diffusional processes contribute more
and more to the overall strain and strain rate imposed on
the sample, leading to size softening rather than strength-
ening. Eventually, atomic transport via surface diffusion
becomes so rampant, to the point that it overtakes the
dislocation mechanism to dominate the deformation.

In experiments, an increasing number of examples has
emerged in recent years where surface diffusion plays an
important role in the deformation processes. Examples
include liquid-like tribology [25], rubber-like retrieval of
fracture tip [26] and cold welding [27]. An unambiguous
transition of plasticity mechanism was visualized in Ref.
[24], and later in Ref. [28,29]. The visualization was real-
ized using in situ tension and compression loading inside
a transmission electron microscopy (TEM). The earlier
experiment used Sn [24], a material with relatively low
melting point (Tm = 505K), such that RT is already a
fairly high homologous temperature (RT∼0.6Tm). This
allowed the diffusive deformation via surface diffusion to
dominate at a relatively large sample size of ∼130 nm,
without assistance of elevated temperature. At larger
sizes, e.g. for a Sn pillar with a diameter of 450 nm,
displacive mechanism dominated the deformation. This
was seen in the stress-strain curve as an abrupt strain
burst upon plastic yielding after elastic deformation. Cor-
respondingly obvious dislocation shear events and slip
steps were observed on sample surfaces under TEM,
with a chisel-like morphology after fracture. However,
the dominant deformation mode begins to change as the
sample diameter decreases into the 200 nm range. The
contrasting case was shown for nanoscale ligament with
a dimeter < 130 nm, as shown for example in Figure 3.
The ligament sample exhibited large elongation, narrow-
ing down along with pulling and grain boundary plating.
Themass also diffuses away on the surface, from the cen-
ter region of the ligament, exhibiting pseudoelasticity like
a liquid. Eventually, upon fracture the tips immediately
receded and rounded up into a sand-dune shape within
∼0.1 s, the resolution time of the in situ TEM experi-
ment. This morphology evolution is very similar to that
of liquid drop. The fast shape change was explained as
due to surface diffusion, transporting atoms away from
the tip region where the curvature and hence the chem-
ical potential is high. This conclusion was confirmed by
evaluating an effective diffusivity responsible for the flux,
which was verified to be indeed of the same order of
magnitude expected for Sn surface diffusivity at RT. In
other words, the diffusive flowmediated liquid-like shape
change seems to be akin to boundary-diffusion medi-
ated Coble creep, in which case the flow stress would be
expected to exhibit a high strain rate sensitivity (m∼1)

Figure 3. Surface diffusion mediated deformation of a Sn nano-
ligament [24]. (a) Sample before tensile test. (b) Selected area
diffraction pattern. (c–e) Dynamic evolution showing the elonga-
tion, narrowing down and grain boundary plating. (f ) The mor-
phology of the fractured nano-ligament.

and power-law sample size dependence (∼D3, where D
is the sample diameter). In the flow, the surface appeared
semi-liquid, while the interior remained completely in
solid; its crystalline nature was revealed by the lattice
fringes observed in situ under the TEM. Compared with
dislocation-controlled shear at 450 nm, where the yield
stress is of the order of 300MPa, the diffusive flow pro-
ceeds at a yield stress much lower, on the level of 60MPa,
with an obvious strain-rate dependence as the ligament
was gradually shrinking in its diameter (experiencing
a five-fold increase in strain rate). Taken together, the
deformation kinetics, the shape/morphology change, and
the stress and strain rate behavior all checked out to be
consistent with a boundary-diffusionmediated deforma-
tion mechanism.

Can this transition of deformation mechanism from
displacive dislocation slip to diffusive atomic transport be
accomplished at RT for metals with higher melting tem-
perature? In general, one would expect RT to be too low
a temperature for most metals, not enough for surface
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diffusion to mediate the typical strain rate imposed on
the sample, such as 1× 10−3 s−1. But there have been
cases where the answer seems to be yes, at least for Ag
with a melting temperature Tm = 1234K [30]. It is just
that in this Ag case the sample had to be much smaller
in size than the Sn case above: the experiment found
a critical size of ∼10 nm [28]. In other words, now
for diffusive mechanism to be adequate and dominant
in Ag, it requires sub-10-nm particles, rather than the
∼100 nm for Sn. The deformation of such a Ag nanopar-
ticle appeared to be pseudoelastic, defined as a reversible
shape change that returns to its rest shape in repetitive
deformation cycles, rather than plastic deformation that
settles in the deformed shape. In this case, the deforma-
tionmechanism is still the surface diffusion akin to Coble
boundary diffusional creep, but the behavior is ‘Coble
pseudoelastic’ instead of ‘Coble plastic’, as the shape of
the Ag nanoparticle evolves back and forth repetitively.
It is also ‘liquid-like’, with a continuous evolution of the
outermorphology, similar to a liquid drop. After fracture,
the surface-energy driven shape change of the broken tips
is also very much the same as that shown in Figure 3
for Sn. This study on Ag nanoparticles did not mea-
sure strength, but presumably here again smaller is much
weaker.

In slightly larger size regime such as tens of nanome-
ters, the displacive and diffusional mechanismsmay cou-
ple together tomediate the plasticity. For example, Zhong
et al. recently demonstrated that Ag nanocrystals with
diameters from 15 to 80 nm generally show slip activated
surface creep [29], i.e. after surface dislocation nucleation
and glide across the sample, surface diffusion then drives
the resultant surface steps to quickly move away from
the highly stressed region, smoothing out the local sur-
face and lowering the chemical potential. This process
occurs repeatedly to effectively prevent slip localization,
thus leading to superplasticity that can hardly be achieved
in samples without surface creep. Since displacive pro-
cess is the rate-limiting step in such slip-activated creep
process, the strength of the nanocrystals in this regime
is expected to be largely controlled by surface dislocation
nucleation. Thus, the ‘smaller is weaker’ trend discussed
in the previous section may still hold in this coupled
displacive-diffusional regime. On the other hand, surface
dislocation nucleation may also be pre-conditioned by
surface diffusional events. For example, by mechanically
testing tens of Pd nanowires under ramp-loading, Chen
et al. [31] obtained the statistics on the first inelastic event
and found that the activation volume is as small as 0.13b3
(b is the magnitude of Burgers vector). This is indicative
of surface diffusional events pre-conditioning the dis-
placive process. In other words, during the ramp-loading,
surface atoms may keep hopping around to change the

local surface configurations. Since dislocation nucleation
is very sensitive to surface configurations, these diffu-
sional events, which by themselves would not directly
result in significant plastic relaxation, may introduce the
so-called diffusive uncertainty [32] in crystal strength.
Whether or not such diffusive uncertainty overwhelms
the surface-stress-induced apparent softening was not
quantified in their study [31]. But it is conceivable that
‘smaller is weaker’ in this case.

The apparent softening and easy shape change via dif-
fusional flow when the characteristic size of a metal goes
down to nanometric scale has implications for the reli-
ability and stability of nano-structured devices such as
molecular electronics [33] and nanoscale break junction
[34,35]. For example, Strachan et al. [36] found that two
single crystalline Au nano-electrodes (tip radius of cur-
vature ∼10 nm) receded by about 10 nm and rounded
up after sitting at RT for 4 months, especially when con-
sidering electromigration driven by the electron wind
force. Therefore, it is critical to keep in mind that at the
nanoscale smaller is not always stronger but can be more
susceptible to creep-like strains even at RT.

Strength limited by its upper bound ceiling set
by ideal strength

There are also cases where both of these two scenar-
ios above, surface nucleation and diffusional processes,
are suppressed. For example, the sample surfaces can be
passivated with an oxide or a coating, such that dislo-
cation nucleation on them could become as difficult as
in the pristine interior. And, for the material in ques-
tion, RT can be too low a homologous temperature for
diffusional plasticity to be important. In such cases, yield-
ing may be forced to initiate from the sample interior
via homogeneous nucleation. It then becomes possible
to approach the ceiling, the theoretical strength. The
apparent strength is expected to change from ‘smaller is
stronger’ to a ‘sample size-independent strength plateau’.

An example of this can be illustrated using small-
volume samples that were specially made. Specifically, in
addition to a pristine internal structure that is almost dis-
location free, Han et al. used Fe nanoparticles passivated
by a 4-nm smooth surface layer of its oxide, γ -Fe2O3
[37], as shown in Figure 4A. This smooth and hard shell
suppressed dislocation nucleation at edges, corners, and
notches on the free surfaces [12,38–40]. Also, the sam-
ples were spherical particles with sizes from80 to 430 nm.
Based on contact mechanics, the spherical geometry
ensures that the maximum stress site is located inside the
sample when it is loaded, instead of at the contact inter-
face [41–43]. Loading, unloading prior to plastic yielding,
and subsequent reloading experiments confirmed that
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Figure 4. The strength of Fe nano-particles is saturated near the ideal strength, when the sample diameter is below 200 nm [37]. (a) A
spherical ironnanoparticlewith thediameter of 200 nm. (b) Themeasuredmaximumcontact pressure for Fe nano-particleswith different
diameters.

the particles underwent large elastic deformation before
the catastrophic collapse into a pancake-like shape. This
latter dramatic shape change in a very short time signals a
burst of copious defect (dislocation) production through-
out the sample volume. The debris were detected in post-
mortem TEM examinations of the deformed particles.
For ∼10 pristine particles below 210 nm, the maximum
contact pressure appears to reach a plateau of 10.7GPa,
see Figure 4B. Using interatomic potential finite element
model tomonitor the nonlinear anisotropic elastic defor-
mation, the corresponding local maximum shear stress
on[111̄](101) is 9.4GPa. This is very close to the ideal
shear strength estimated from the Frenkelmodel, 8.5 GPa
for the [111̄](101) shear, and that predicted by the den-
sity function theory calculation [44]. In other words,
under the triaxial stress loading condition (possible con-
fined pressure effect) and the confinement by the oxide
layer, the upper bound of experimentally measured crit-
ical shear stress for yielding has indeed happened at a
stress level very close to that corresponding to homoge-
neous dislocation nucleation in the lattice, plateauing at
a level approaching the theoretical shear strength of iron.

There have also been other experiments reporting
observations of yielding approaching ideal strength in
micro- or nano- scale samples. For example, in situ
annealing ofMopillars (prepared using focused ion beam
milling) in TEM produces spherically capped Mo pil-
lars [45], which allows the maximum stress to occur
in the interior of the spherical cap, resulting in an
observed yielding stress very close to the calculated
theoretical strength of Mo. Early Fe whiskers exhib-
ited strong strengthening behavior along with decreasing
sample diameter [46,47]. The measured tensile strength
increased to ∼13.4GPa when the sample diameter was
reduced to ∼1.6 μm [46]. This stress is very close to the
theoretical de-bonding strength of bcc Fe (∼14.2GPa)

based on density functional theory [48]. However, there
was large scatter in the data, and a strength plateau
was not observed. Experiments on Au nanowires and
nanopillars have been summarized in ref. [2,49], show-
ing a trend approaching ideal strength at very small sizes.
In the experiment of Bei et al. [50] Mo alloy pillars pre-
pared using chemical etching method yielded without
exception at a critical resolved shear stress of 4.3GPa
for the size regime from 360 to 1000 nm. However, this
shear stress is about 3 times lower than the ideal shear
strength predicted by theoretical calculations [51]. Per-
haps surface dislocation nucleation was not fully sup-
pressed in their case, despite the pristine nature of their
as-synthesized samples.

Concluding remarks and outlook

The three sets of examples above serve to illustrate that
when it comes to sample size effects on strength, it is
not always ‘smaller is stronger’ in the deep sub-micron
regime (<∼102 nm). Under certain loading conditions
(e.g. temperature, strain rate, loading mode etc.), surface
effects including surface stresses, surface diffusion and
surface structure may truncate the ‘smaller is stronger’
trend and turn it into ‘smaller is weaker’ or ‘saturated
plateau’. These size effects are schematically summa-
rized in Figure 5. While the well-known ‘smaller is
stronger’ trend due to truncated dislocation sources fol-
lows a power law σsource ∝ D−α with the exponent α

between zero and one (e.g. 0.65 for fcc metals [52]), the
strength of pristine metals controlled by surface dislo-
cation nucleation or surface diffusion are proportional
to D−1 (see Equation 1) and D3, respectively. When
sample size is sufficiently small such that bulk dislo-
cation sources (e.g. Frank-Read source or single-arm
source) become unstable due to image force attraction,
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Figure 5. Schematic summary of the trend of strength, for var-
ious dependences on crystal/sample size. Red curve represents
the well-known ‘smaller is stronger’ trend (σsource), where the
exponent α is taken to be 0.65 for fcc metallic crystals [52], due
to truncated dislocation sources. This dependence does not nec-
essarily continue to hold when the sample size decreases into
the blue regime. Blue curves denote the sample size effects on
strength controlled by surface dislocation nucleation (σnucleation)
[16].When the surface-stress-induced internal stress has the same
sign with the applied stress, it is ‘smaller is weaker’ (the lower
solid blue curve). When the surface-stress-induced internal stress
is opposite to the applied stress, it becomes ‘smaller is stronger’
(the upper dashed blue curve [16]). Surface diffusion dominated
strength (σdiffusion) decreasing with size is shown with the yellow
curve. The bulk material strength (σbulk), and the ceiling set by
the ideal strength (σideal) of a perfect crystal, are indicated by the
dashed green line and purple line, respectively. Due to uncertain-
ties arising from the as-synthesized surface conditions (including
contamination, passivation and roughness) and influence from
surface diffusion events and thermal fluctuations, the measured
strength may exhibit considerable scatter in experiments, when
the strength is predicted to be controlled by surface dislocation
nucleation (magenta dots).

surface dislocation sources (e.g. thermally activated sur-
face dislocation nucleation [12,13,16] or surface rebound
of high-speed dislocations [14,15]) and surface diffu-
sion would take over the plastic deformation, thus the
well-received ‘smaller is stronger’ trend may switch to a
‘smaller is weaker’ regime. However, due to uncertain-
ties coming from surface configuration, surface diffu-
sion and thermal fluctuations [32], the measurement of
strength in this regime may suffer from large scatter. For
those initially pristine metals with larger sample sizes,
their strength may stay constant as surface dislocation
nucleation nowbecomes almost size independent (i.e. the
1/D term in Equation 1 becomes negligible). This might
explain the experimental observations on Mo [50]. Ideal
strength may be reached for pristine metals (e.g. with
a spherical shape) as long as surface dislocation nucle-
ation is suppressed and surface stress effects are small.
Note that Figure 5 is a schematic meant to illustrate the
potential cross-over of the various trends. Exactly at what
sample sizes the cross-over points reside is subject to

change, depending on the material, homologous tem-
perature, strain rate and sample/loading conditions. The
determination as to exactly when a particular mecha-
nism takes over must await systematic future research
that builds on the limited case studies we cited in this
Perspective.

It should be pointed out that although there is already
some evidence over the past several years that intrin-
sically the strength can drop or saturate in nanoscale
metals, the data available are so far rather limited and
there are experimental difficulties to overcome, in order
to pin down the assertions above. For example, surface
defects such as roughness and steps on free surfaces can
facilitate dislocation nucleation, in addition to the dis-
location nucleation sites on edges and corners. So there
is a myriad of possible energy barriers, for dislocation
nucleation at various stress levels. As such, the various
trends depicted in Section 2 can be difficult to ascer-
tain. The same can also be said for attaining the ideal
strength; the spurious defects often render the measured
strength much lower, even when nominally the sample
size is already in the plateau region. The large variations
in data can also be due to crystal orientation depen-
dence, and minor misalignments between the samples
and the diamond probe as well as the silicon substrate
are inevitable, and there can be some internal defects that
may be undetectable under TEM, which can dramati-
cally affect the yield strength of the tested samples. All
the aforementioned factors act to scatter the measured
strength, having the common effect of indicating a lower
strength for the tested material. Only the highest value
found for each given sample size represents the condition
that is most likely to correspond to the intrinsic strength
of the tested samples. This was the practice used in Ref
[37]. In addition, small-volume metals are sometimes
made to contain grain boundaries and twin boundaries
[53–64]. These pre-existing defects may also contribute
to the observed strength. For example, nanocrystalline
Pt nanopillars with a fixed grain size show a ‘smaller
is weaker’ trend under compressive loading [53], while
Au nanowires containing angstrom-scale twins [57] or
both nanotwins and zigzag facets [63] display near-ideal
strength under tensile loading.

As for the diffusional mechanism, at what sample size
theweakening effect becomes clearly visible depends on a
number of factors, such as the homologous temperature,
surface contamination/passivation, sample morphology
and loading parameters (e.g. strain rate). Themechanical
test data collected thus far in the community are mostly
for samples not sufficiently small for surface diffusion
to dominate. Moreover, for the materials tested, RT is
usually not a sufficiently high homologous temperature.
Therefore, the weakening mechanisms such as surface
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diffusive events are not pronounced enough to reveal a
clear weakening trend, and can be obscured by other fac-
tors mentioned above, in particular surface conditions
and loading geometry. It is therefore not surprising to
observe large data scatter in this sample size regime. Last
but not least, so far the samples have been tested and
examined under electron beam inside a microscope. The
surface diffusionmay be accelerated by the energetic elec-
tron beam, and sensitive to beam heating induced local
temperature rise. All these contribute to the uncertainty
(scatter) of the sample size (see Figure 5) at which surface
diffusion could be observed to take over the plasticity. In
general, we expect that low bulkmelting point, significant
melting point depression, low strain rate and large (clean)
surface over volume ratio would lead to more dramatic
surface diffusion contributing to the overall plasticity.

The ‘inverse Hall-Petch’ type of strength behavior
in these isolated small-volume single crystals may have
relevance to bulk nanocrystalline metals, but a direct
connection remains to be established, to bridge with
polycrystalline behavior. The latter metals rely on grain
boundarymechanisms rather thanmass transport on free
surfaces, and there can be other grain boundary medi-
ated deformation mechanisms at play that are difficult to
tell apart: examples include grain boundary sliding, grain
rotation and change of Frank-Bilby dislocation content
in the grain boundary [65], grain boundary migration,
and segregation and effects of solutes in grain boundaries,
which are all absent in the single-crystal experiments
discussed in this paper. Given the complexity of that sub-
ject, the inverseHall-Petch relationship in polycrystalline
nanocrystals [66–76] is beyond the scope of this paper
and deserves a careful and separate review elsewhere.
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